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The relationship between the dynamic
mechanical relaxations and the tensile
deformation behaviour of polyethylene
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The mechanical relaxation behaviour of high and linear low density polyethylenes has been
examined using tensile dynamic mechanical measurements and compared to the
deformation behaviour observed in tensile drawing. In this way the relationship between
the mechanical relaxations and the tensile deformation has been investigated. It is shown
that the brittle-ductile transition relates to the γ -relaxation while the yield behaviour is
related to the interlamellar shear process and the c-shear process. C© 1999 Kluwer
Academic Publishers

1. Introduction
The mechanical relaxations in polymers correspond
to the particular mechanisms of thermally activated
molecular motion and therefore to the general mobility
of the polymer chains, an important factor in deter-
mining the type of deformation. If there is little chain
mobility the polymer will fail in a brittle manner. If the
chains are free to move, however, the material will yield
or, at higher temperatures, deformation will be homoge-
neous and it will behave as a viscoelastic-plastic solid.
Therefore, if the mechanical relaxations of polyethy-
lene are compared to the deformation behaviour in a
tensile test there should be an observable relationship.

There is a large body of literature about the relaxation
processes that occur in polyethylene [1–5] showing that
high density polyethylene (HDPE) has two major relax-
ations while low density polyethylene (LDPE) shows
three. Both HDPE and LDPE exhibit aγ -relaxation,
occurring between−150 and−110◦C, which is due to
the onset of short range conformational changes in the
amorphous regions.

The β-relaxation is thought to relate to the amor-
phous regions because its magnitude increases with de-
creasing crystalline fraction [1] and the mechanism is
envisaged as shearing of the amorphous material be-
tween the lamellae which is activated by the relax-
ation of branch points. In LDPE theα-relaxation is a
crystalline relaxation attributed to c-shear of the chains
within the lamellae activated by the rearrangement of
the fold surface [4, 5]. In HDPE theα-relaxation ap-
pears to be a composite relaxation relating to the crys-
talline region. At least two possible relaxation processes
have been proposed, one by Takayanagi [6] relating to
the motion of chains within the crystalline region, and
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a relaxation due to interlamellar shearing, similar to the
β-relaxation in LDPE, but activated by c-shear. The lat-
ter proposal is elaborated in a separate paper [7], and
takes into account previous research in the area, espe-
cially by Boyd and Stachurski and Ward [2–5].

There has also been significant investigation of the
drawing behaviour of polyethylene [8–13]. It is known
that at low temperatures polyethylene fails in a brittle
manner whereas at higher temperatures it fails through
strain softening with the formation of a neck. As the
temperature is raised further, polyethylene undergoes
cold drawing where the sample does not fail on the
formation of the neck but the neck propagates along
the length of the sample.

The work of Brookset al. [11–13] looked at the yield-
ing behaviour of polyethylene, in particular the “double
yield point” phenomenon, and showed that there is a re-
lationship between the mechanical relaxations and the
yielding behaviour. The first yield point, found using a
variation of the Consid`ere construction, corresponds to
the end of the initial recoverable deformation produced
by lamellar reorientation. The second yield point, seen
as the load drop at higher applied strains, is associated
with the formation of a sharp neck due to the irreversible
destruction of lamellae by c-shear.

In this paper the connection between the mechanical
relaxations and the deformation is further investigated
in both high and linear low density polyethylenes.

2. Experimental
2.1. Materials
The characteristics of the polymers used are shown in
Table I. Two linear low density grades (LL-BU and
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TABLE I Chemical characterisation of high and linear low density
polyethylenes

Branch Branch content/
Sample type 103 C atoms M̄w M̄n

HDPE <0.1 131,000 19,000
LL-BU Ethyl 21.0 126,000 30,000
LL-OCT Hexyl 21.0 130,000 30,000

LL-OCT) were examined because they have different
side groups and different distributions of the side groups
along the length of the polymer chains and it is of in-
terest to see how this affects their properties.

The polymers were provided in granule form and so
compression moulding in a hot press, at 160◦C and
a pressure of 3 MPa, was used to produce 0.5 mm
thick sheet. Following much previous research in this
laboratory, samples with different morphologies were
produced by two standard cooling regimes: quench-
ing (Q) or slow cooling (SC). Quenched samples were
produced by removing the sheets from the press after
5 minutes and rapidly cooling them to room tempera-
ture in a water bath. Slow cooled samples were pro-
duced by cooling the plates under pressure in the hot
press at a rate of 2 K min−1.

2.2. Dynamic mechanical measurements
The dynamical mechanical measurements described in
this paper were performed on a rig designed and built in-
house as described in previous publications [14]. The
tests were performed on samples of the same length,
4.5 cm, and width, 2 mm, so that the aspect ratio was
always greater than 20 to minimise end effects. The
storage modulus and loss factor measurements were
made using a sinusoidal tensile strain of 0.05%, with
an average strain of 0.1%, so that the sample was al-
ways under tension. Measurements were undertaken at
a range of frequencies between 0.1 and 30 Hz.

The test temperature was controlled to an accuracy
of ±0.5◦C by blowing N2 gas over the sample. The
heating regime can have a major influence on the dy-
namic mechanical results [1] because rapid heating can
move the sample out of thermodynamic equilibrium.
To avoid this the sample temperature was changed at
a rate of 2 K min−1 which the work of Gibsonet al.
[14] has shown keeps the sample in thermodynamic
equilibrium.

2.3. Tensile drawing experiments
The mechanical behaviour was examined by drawing
samples on an Instron tensile testing machine in the
temperature range from−130◦C to room temperature.
Drawing was performed in an Instron mounted cryostat
which was cooled using nitrogen gas. An initial strain
rate of 2×10−3 s−1 was used. Samples, with a gauge
length of 1.8 cm and 5 mm wide, were cut from moulded
sheets using a dumbbell cutter. Drawing continued past
the yield point until failure or a significant length of
neck had been formed.

2.4. Measurement of crystalline fraction
and lamellar thickness

A Perkin Elmer DSC3 Differential Scanning Calorime-
ter was used to record the melting behaviour at a heating
rate of 10 K min−1, from which the crystallinity and the
lamellar thickness were obtained. The crystallinity was
determined as

ac = 1Hsamp

1H0

where1Hsampis the enthalpy of melting per gram for
the sample and1H0 (310 Jg−1) [15] is the enthalpy
of melting per gram of an infinite crystal.1Hsamp is
calculated from the area of the melting peak. The level
of accuracy obtained for the crystalline fraction mea-
surements on the branched materials is not particularly
high because of the wide melting endotherms.

The lamellar thickness,L, was found from the melt-
ing temperature,Tp, using the Hoffman-Weeks equa-
tion [16]:

L = T02σ

Hm
(
T0− Tp

)
whereσ is the surface free energy of the basal face
(80×10−3 Jm−2), Hm is the enthalpy of melting per
unit volume (310 J cm−3) and T0 is the equilibrium
temperature of an infinite crystal (418.7 K) [15]. Errors
in the lamellar size arise from uncertainties in the values
of the different parameters, especiallyT0, but these do
not affect relative behaviour, while errors inTp arising
from superheating effects are considered negligible.

3. Results and discussion
3.1. Characterisation of the structure of the

isotropic samples
The crystalline mass fractions and lamellar thicknesses
of quenched and slow cooled samples are shown in
Table II. It should be noted that these calculations re-
late to the maximum lamellar thickness and that the
endotherms show a wide melting range indicating the
presence of much thinner lamellae. Calculations of
the lamellar size using measurements of long period
and crystallinity give considerably lower values for the
lamellar thickness. Nevertheless, it can be seen that the
lamellar thickness is dependent on the cooling regime
for all three polyethylene grades with slow cooling pro-
ducing higher lamellar thicknesses than quenching for
the same grade. A significantly higher crystalline frac-
tion is also found in slow cooled HDPE but for LL-BU

TABLE I I M orphology of Isotropic Polyethylenes examined by DSC

Sample Crystal fraction (ac%) Lamellar thickness (nm)

LL-BU(Q) 37 9.2
LL-BU(SC) 40 10
LL-OCT(Q) 39 8.1
LL-OCT(SC) 42 8.8
HDPE(Q) 62 12.3
HDPE(SC) 72 14.8
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and LL-OCT the difference observed is only just above
experimental error, which is high for these materials be-
cause of the very wide range of the melting endotherm.

The methylene sequence length between branch
points is seen to be a major factor in determining the
lamellar thickness because the side groups are not eas-
ily included in the lamellae. This is illustrated by HDPE
possessing a much higher lamellar thickness than LL-
BU which itself is slightly greater than for LL-OCT.
The linear low density materials also have much lower
crystalline fractions because of the greater number of
side groups.

3.2. Mechanical relaxations and drawing
behaviour of HDPE

In Fig. 1 relaxation curves are shown for both quenched
and slow cooled samples of HDPE and it can be seen
that there are some differences. In the slow cooled sam-
ple the peak in theγ -relaxation occurs at a slightly
higher temperature than in the quenched sample. Ta-
ble II shows that the slow cooled sample has the
higher lamellar thickness and crystalline fraction. The
γ -relaxation is considered to occur predominantly in
the amorphous region [1] but the differences observed
between the quenched and slow cooled samples suggest
that there may also be a significant crystalline contri-
bution, as concluded by some previous workers.

The relaxation processes associated with theγ -relax-
ation are crankshaft mechanisms [3] which are activated
at slightly different temperatures in the amorphous and
crystalline regions due to their different levels of free
volume. The motions would occur first in the amor-
phous region because it has a higher level of free vol-
ume and so the decrease in the low temperature side
of the peak corresponds to the higher crystalline frac-
tion in the slow cooled material. The free volume in
the crystalline regions probably relates to defects in the
lamellae.

Theα-relaxations in the quenched and slow cooled
samples also show some differences with the onset oc-
curring approximately 10◦C lower for the quenched
samples. Theα-relaxation in the high density mate-
rial is activated by c-shear within the lamellae and
Hoffman et al. [17] showed that the greater degree

Figure 1 The mechanical relaxations in quenched,N, and slow cooled,
¥, samples of HDPE.

of co-operative motion required for c-shear to occur
through thicker lamellae does raise the temperature of
theα-relaxation.

The drawing behaviour was investigated for both
the quenched and slow cooled samples of HDPE and
brittle failure was only observed in the slow cooled
samples tested below−130◦C. This suggests that the
brittle-ductile transition is related to the small scale
molecular motions associated with theγ -relaxation.
It was also observed that the quenched samples cold
drew across the whole temperature range, while the
slow cooled ones failed by necking rupture up to tem-
peratures around−100◦C. Even in these samples, how-
ever, significant lengths were drawn into the neck before
failure.

The yield stresses and strains for quenched samples
are shown in Fig. 2a and b, respectively. The yield stress
seems to have an almost linear dependence on the tem-
perature and no apparent relationship with the relax-
ation spectrum. The yield strain, on the other hand, is in-
dependent of temperature at temperatures below−20◦C
but above this, with the onset of theα-relaxation, it in-
creases linearly. Similar results were obtained for the
slow cooled samples but were less clear than for the
quenched material, perhaps due to greater sensitivity to
sample flaws in the slow cooled material.

The true stress-strain curves obtained from the draw-
ing of both quenched and slow cooled samples were
also examined and apart from the brittle failure of the

Figure 2 The yield behaviour of quenched HDPE drawn at an initial
strain rate of 2×10−3 s−1 (a) yield stress and (b) yield strain.
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Figure 3 True stress-strain curves obtained from the uniaxial drawing
of slow cooled HDPE at an initial strain rate of 2× 10−3 s−1. Tempera-
ture,¥, −133◦C;¨,−126◦C;N,−113◦C; x,−96 ◦C;¤, −57 ◦C;
♦,−40 ◦C;M, −24◦C; and h,20◦C.

Figure 4 True stress-strain curves obtained from the uniaxial drawing of slow cooled HDPE at room temperature at (a) strain rates,¥, 0.002;̈ ,0.004;
N,0.008; x,0.016;¤0.02;♦,0.04; and (b)M, 0.08 s−1.

slow cooled material, at the lowest temperatures, the
same behaviour was observed in both materials so only
the slow cooled results are given in Fig. 3. The curve
obtained from the drawing of slow cooled HDPE at
−133◦C is given because it is the only example of frac-
ture seen for any of the materials. This curve shows that
this sample does not extend perfectly elastically even at
this low temperature. This, however, is to be expected
because the loss peak shows that molecular motions
do occur at this temperature. The other curves ob-
tained below 0◦C, i.e., before the onset of theα-relax-
ation, show that there is a clear load drop as the neck
is formed and cold drawing begins. At temperatures
above 0◦C no load drop is seen so the interlamellar
shearing within the samples, theα-relaxation mecha-
nism, clearly affects the stress-strain behaviour.

The drawing behaviour observed for the quenched
HDPE is in agreement with the results of Brookset al.
[11, 12]. They concluded that the observed transition in
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Figure 5 The mechanical relaxations in slow cooled samples of LL-BU,¨, and LL-OCT,¥.

Figure 6 The yield behaviour of slow cooled LL-BU drawn at an initial strain rate of 2×10−3 s−1 (a) yield stress and (b) yield strain.
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the drawing behaviour at−20◦C, Fig. 2b, is due to the
lamellar reorientation process associated with the first
yield point being “frozen-out” or being localised to the
neck. The localisation is indicated by the increase in
the degree of strain softening at the yield point as the
temperature decreases, as seen in Fig. 3. This transition
is related to theα-relaxation because it is with the onset
of the interlamellar shear process that reorientation of
the lamellae can occur.

To separate the different yielding mechanisms, sam-
ples were drawn uniaxially at room temperature at a
number of different strain rates and the resulting true
stress-strain curves is shown in Fig. 4a and b. It can be
seen that at the lowest strain rates only one yield point
is observable (Fig. 4a) but at the highest strain rates the
two different yield mechanisms have been successfully
separated by increasing the strain rate (Fig. 4b). The
mechanisms are separable because they have different
activation energies with the interlamellar shear process,
which is related to the first yield point, having a higher
activation energy than the c-shear mechanism, which
is related to the second yield point [7]. The lower acti-
vation energy of the c-shear mechanism means that the
second yield point is shifted up to higher strains with
increasing strain rates.

3.3. Mechanical relaxations and drawing
behaviour of LL-BU and LL-OCT

The relaxation curves of the LLDPE’s are shown in
Fig. 5. Only slow cooled morphologies were examined.
LL-BU shows theα, β andγ relaxations as would be
expected. In LL-OCT, where a more limited tempera-
ture range was measured theα andβ relaxations are
observed and any differences between LL-OCT and
LL-BU are clearly very small.

Figure 7 True stress-strain curves obtained from the uniaxial drawing of slow cooled LL-BU at an initial strain rate of 2×10−3 s−1. Temperature,
¥,−116◦C;¨,−94 ◦C;N,−68 ◦C; x,−55◦C;¤,−38◦C;♦,−28 ◦C; andM, 0◦C.

The samples from both materials underwent cold
drawing with no brittle failure observed even at
−130◦C. The yield stress and strain for LL-BU are
shown in Fig. 6a and b, respectively to illustrate the
behaviour. The yield stress falls monotonically with
temperature although the curve is not linear as for the
high density material. The yield strain curve, Fig. 6b
shows that it remains approximately constant up to tem-
peratures of approximately−50◦C which corresponds
to the onset of theβ-relaxation. Above this tempera-
ture the yield strain, as in the HDPE, increases linearly
with the temperature.

The true stress-strain curves obtained from the draw-
ing of the slow cooled LL-BU are shown in Fig. 7 with
the results being similar to those observed for the slow
cooled HDPE. At temperatures below−55◦C there is a
load drop as the samples form a neck and cold drawing
begins but above this temperature the true stress-strain
curves show no load drop. The temperature of−55◦C
corresponds to the onset of theβ-relaxation and inter-
lamellar shear; therefore, in both LLDPE and HDPE
the transition in the yielding process is shown to relate
to the interlamellar shear process.

In Fig. 8 the nominal stress-strain curves obtained
from drawing samples of slow cooled LL-BU at differ-
ent strain rates show that at low strain rates only one
yield point is seen whereas two are seen at high strain
rates. The nominal stress-strain curves are shown be-
cause the double yield point can be more clearly re-
solved. Although this is similar to the results for HDPE
the two yield points cannot be so clearly distinguished,
probably because the necking process is less localised
so that the yielding process is less pronounced. It is
interesting to compare the yield strains at both yield
points in LL-BU(SC) to those in HDPE(SC). The first
yield point occurs at roughly the same strain of between
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Figure 8 Nominal stress-strain curves obtained from the uniaxial drawing of slow cooled LL-BU at room temperature at a number of different strain
rates. Symbols as in Fig. 4.

0.1 and 0.2 in both materials but the second yield point
occurs at much lower strains in HDPE;∼0.2–0.3, com-
pared to∼0.7 for LL-BU. The increased strain at yield
can be attributed to the thinner and generally less well
formed lamellae in the low density material.

4. Conclusions
It has been shown that the brittle ductile transition re-
lates to the onset of theγ -relaxation with its short range
molecular motions. Theα andβ-relaxations have been
shown to affect the yield behaviour of both HDPE and
LLDPE. The yield strain is independent of temperature
before the onset of the interlamellar shear process then
it increases linearly with temperature. The true stress-
strain curves are also affected by the mechanical relax-
ations with the onset of the interlamellar shear process
removing the load drop from the stress-strain curves.
The two yielding processes can be seen directly in both
high density and linear low density polyethylenes by
drawing at high strain rates because they are then sep-
arated due to their different activation energies.
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